Alloyed MCrAlY bond coats, where M is usually cobalt and/or nickel, are essential parts of modern turbine blades, imparting environmental resistance while mediating thermal expansivity differences. Nanoindentation allows the determination of their properties without the complexities of traditional mechanical tests, but was not previously possible near turbine operating temperatures.
Introduction
Gas turbines are widely used in both the aerospace industry and in landbased power generation. In both these sectors, there exists a strong driving force to increase operating temperatures for both fuel efficiency and a reduction in carbon emissions. In power generation, a one-percent improvement in efficiency can save $20 million in fuel over the lifetime of the plant [1] . In order to facilitate these increases, refinement of the coatings used in the turbine blades is required, as this prevents premature component failure from chemical attack and oxidation. Due to the small thickness of these coatings, traditional mechanical testing is extremely challenging.
Nanoindentation -whereby an indenter of a specific geometry is driven into the surface of a material under an applied load -has been been widely used to determine the mechanical properties of thin films, either in the form of hard coatings [2, 3] or modified surface layers [4, 5] . The application of this technique and related nanomechanical testing at elevated temperatures is a relatively recent, but increasingly popular field, with indentation temperatures and publications rapidly increasing year-on-year [6] [7] [8] [9] [10] [11] [12] [13] [14] [15] [16] . It is also a potential breakthrough in the development of high temperature materials. As a technique, nanoindentation allows the quick determination of hardness, indentation modulus and creep resistance [17] on small volumes, enabling the mechanical testing of thin coatings to be carried out. Operation in vacuum additionally prevents deleterious oxidation of the sample or the indenter tip [12, 15, 16] . Nanoindentation has been applied to superalloy materials [18, 19] and their bond coats [20] [21] [22] [23] with high-temperature nanoindentation recorded on CMSX-4 up to 400
• C [7] and a 200 µm thick Amdry-386 bond coat. In application, this bond coat provides environmental resistance and mediates thermal stresses between the superalloy and thermal barrier coating. The single crystalline CMSX-4 serves as a well-studied, but highly anisotropic reference material, while the polycrystalline bond coat is well suited to this and future studies by nanoindentation due to the more isotropic behaviour with small grain sizes, its intrinsically small size with regards to the thickness, and the interest in its high temperature properties for coating design.
Experimental Methods
Single-crystal CMSX-4 (Ni-9.6Co-6.5Cr-6.5Ta-6.4W-5.6Al-0.6Mo-1Ti-3Re-0.1Hf, wt%) was grown with an orientation close to [001] and subjected to a standard heat treatment to form the γ −γ structure. The sample was polished to a mirror finish using standard metallographic techniques, finished with 20 nm colloidal
silica. An FEI Helios focussed ion beam (FIB) with EDAX EBSD (electron backscatter diffraction) and EDX (energy dispersive Xray) detectors was used to determine the grain orientations of the sample and to cross-section an indent for analysis ( figure 4 ). An Amdry-386 (Ni-22Co-17Cr-12Al-0.5Y-0.5Hf-0.2Si, wt%)
bond coat was thermally-sprayed onto the superalloy. EBSD performed on the superalloy and bond coat (see supplementary material) showed the Amdry-386
consists mainly of 2-3 µm, equiaxed grains.
Tests were performed using a MicroMaterials NanoTest P-3 system modified by a custom-built vacuum chamber (∼10 −5 mbar). Indents were performed to a depth of 1 µm using a an independently-heated Berkovich sapphire tip at a constant load rate of 2 mN/s, followed by a 30 second dwell period and 5 mN/s unloading rate. Up to 700
• C, at least 18 indents were made in the CMSX-4 and 12 indents in the bond coat at each temperature. At 900
• C and 1000
• C only two indents were made in each of the CMSX-4 and Amdry-386 as a larger number of indents at 1000
• C resulted in blunting of the tip due to tip-sample reactions and/or deposition of sample material as confirmed by atomic force microscopy (AFM) (see supplementary material). The diamond area function (DAF) of the tip was determined prior to testing and after testing at 700
• C by indenting into fused silica at room temperature. Additional indents to 500 mN in fused silica were used to calibrate the stiffness of the load frame. The initial DAF was used to analyse the data [25] up to 700
• C and the post-700
• C DAFwhich was only minimally different -was used for the data obtained at 900
and 1000
• C. Due to the extreme temperatures used, the temperature-dependent
Poisson's ratios (ν) of CMSX-4 and Al 2 O 3 and temperature-dependent Young's modulus (E) of Al 2 O 3 were used for the conversion of reduced modulus to
Young's modulus for the CMSX-4 and Amdry-386 (ν from [26] and [27] , E from [28] ). This temperature-dependence corresponds to a change of ∼8% in E Al2O3
and ν CM SX−4 , and ∼5% in ν Al2O3 .
Results

Nanoindentation Data Analysis
No variation of hardness with position was observed in either material at a given temperature. This is unsurprising for single-crystal CMSX-4 and the small grain size of the bond coat relative to the indent size [29] . The crystal structure of the bond coat was not explicitly determined, but the successful indexing by EBSD with a nickel input file, as well as literature data [30] , strongly suggests an FCC structure is present. No plastic anisotropy is therefore expected. As a result, data from each material were averaged for better statistics.
Load-displacement behaviour with temperature is shown in figure 1 , with all data plotted with the same scale and the time of each segment (at 25
given in figure 1a. Thermal drift is measured at 90% unload, where the loaddisplacement data imply that above 550
• C, thermal drift becomes significantly worse. There is, however, a strong influence of creep on these data. As shown inset -particularly in the 700 • C and 1000
• C curves -there is a significant amount of initial unloading due to (reverse) creep, before the measured displacement is only from thermal drift, analogous to the viscoelastic effects noted in the ASTM ISO14577-1 standard for nanoindentation [31] .
The driving force for this reverse movement of the indenter is given by the confined material around the tip. The effect of stress-state is shown directly by a comparison of drift segments on CMSX-4 at 630
• C on a micropillar, i.e. without confining pressure driving reverse creep (for further experimental details, see [12] , from where this data is taken and re-analysed), and away from the pillar using the same temperature settings and flat punch, producing a three- 
Mechanical Data
The hardness-temperature behaviour of the sample is shown in figure 3a .
The hardness of the materials was measured at 4 GPa at room temperature, matching well with other nanoindentation tests [7] . This hardness is constant until 400
• C, before steadily falling to 0.5 GPa at 1000
• C. The indentation modulus as determined by an Oliver-Pharr fit [25] is shown in figure 3b . There are small deviations from the literature values from acoustic resonance, the largest at 400
• C. However, nanoindentation elsewhere [7] measured near-identical val- ues before the authors applied a creep correction. As little creep was measured here at these temperatures, we did not apply such a correction, and the data are overall consistent with the literature up to 700
• C. At 900
• C the measured moduli are extremely low, due to an improper Oliver-Pharr fit to the unloading data, namely the assumption that the unloading is purely elastic, where in fact there is still significant time-dependent deformation occurring. . In all cases, the confining pressure drives reverse creep causing the initial rapid unloading, before a near-constant displacement rate is seen due to the thermal (in)stability. Note even when drift in the opposite direction is seen due to thermal mismatch between the tip and sample, this reverse creep remains. The micropillar data was collected as part of a previous publication [12] and re-analysed here.
The creep rates at these temperatures are extremely high (see figure 5 ) and this time-dependent deformation is still visibly present in the unloading data ( figure   1d ).
To confirm the validity of the mechanical data, a 3D cross-section of an indent made at 1000
• C was carried out using focussed ion beam milling to measure the residual indentation depth. Slices were cut at 20 nm intervals to ensure the deepest part of the indent could be accurately found, and the slice showing the deepest part is shown in figure 4 with a measured indent depth of as found in the literature [26] and values of Young's modulus measured by nanoindentation [7] .
Neither the data from this work nor the data from Sawant [7] have been corrected for creep.
Nanoindentation Creep
The dwell period at the peak load was used to calculate the indentation strain rate˙ according to equation 1 [35] , where h is indentation depth and t the time during the dwell period.˙
The apparent stress exponent for creep, n, is given by equation 2 [36] , where
A is the uniaxial pre-exponential term.
The stress exponent was calculated using the indentation hardness in-lieu of the stress, as shown in figure 5 . The indenter system used does not support a where H is the indentation hardness.
As the indents were performed under a constant loading rate, these hold periods begin at differing values of strain rate. As the hold period continues, the indentation depth increases and therefore the hardness and strain rate drops.
The first data point of the curve, at the beginning of the hold period, is therefore the highest and furthest to the right.
Discussion
Hardness
The nanoindentation hardness of the single-crystal CMSX-4 can be compared with the yield stress of [001]-oriented CMSX-4 as well as single-crystal γ for full data). The hardness plateau measured here is consistent with the yield stress of CMSX-4, apart from a small size effect due to nanoindentation, also seen by other authors [7] . The plateau, as opposed to the increasing yield stress seen in γ , is due to the precipitation strengthening present in CMSX-4.
The main discrepancy is the early drop in hardness: here after 400
• C but after 800
• C in the CMSX-4 yield stress and [001]-oriented compression data for Ni 3 Al. To explain this, one must consider the different mechanisms and stress states during testing and the effect this has on the dislocation motion in the γ precipitates. According to the theory of Paidar, Pope, and Vitek (PPV theory) [37] , the shear stresses acting upon the primary (111) slip plane, the secondary (111) slip plane, and on the {100} cube planes all influence the anomalous yielding [38] . As a result, the peak stress is strongly dependent on crystallography. For alloys close to <111> under tension, the peak flow stress is seen around 400
• C [33] , as shown in the supplementary material, figure A.9.
The strain underneath a Berkovich indenter extends in all directions [39] , allowing multiple slip planes to be stressed, and many more slip systems to operate, than in a [100] compression test. Additionally, underneath the indenter, there exist high strains (taken commonly as a representative ∼8% strain [40] ), which will lead to significant differences when comparing with bulk tension or compression tests that often use a 0.2% proof stress to indicate yield. The strain-dependence of cross slip has been investigated by Hirsch [41] , who showed that the strain rate in L1 2 alloys is given by equation 4, whereε is the strain rate,ε 0 is the strain rate under zero applied stress, k the Boltzmann constant, T the temperature, and H u and H l are the activation enthalpies for unlocking and locking of macrokinks in the superdislocations.
The enthalpy of unlocking is given by equation 5, where 0 H u is the enthalpy with no applied stress, σ the applied stress and V * the activation volume.
These equations show -somewhat intuitively -that as the applied stress increases, dislocation motion becomes easier. The important consideration of this work is that it applies to cross-slipping superdislocations, thus explaining the observed, consistent decrease in hardness after the peak hardness at a lower temperature, as measured by nanoindentation.
To summarise: unlike uniaxial tensile data taken from yield stresses, there are high strains and a complex stress state underneath a Berkovich indenter, which in particular lead to a deviation from the zero resolved shear stress conditions on the 100 planes preventing cross-slip that occurs in uniaxial testing along [001]¡001¿. This therefore leads to indentation hardness measurements being strongly influenced by multiple slip systems, and cross-slip occurring in γ at lower temperatures which accounts for the observed drop-off in hardness.
Indentation, whether at room or extreme temperatures, of the single crystal superalloy (or in fact any other strongly anisotropic material) is therefore limited in value with regards to transferability to applications where a near-uniaxial stress in a fixed direction is encountered, such as in high pressure turbine blades.
However, the data presented here show that the methods employed nevertheless show good agreement with the extensive literature data available on CMSX-4.
Due to its random texture and small grain size, indentation on MCrAlY bond coats will be directly relevant for material performance in application. Although the bond coat may not carry the full centrifugal forces encountered in the blade, it is essential to the adherence of the thermal barrier coating and also used to hold abrasive particles where a shroud-design is to be avoided at the blade tip in modern engine designs. It has been shown that mechanical performance at operating temperatures is vital to retain the abrasive during operation [42, 43] . As previously mentioned, it is not possible to obtain reliable values of modulus from data at 900
• C, where the rates of creep are significant.
The hysteresis curves show significant curvature in the unloading segment, and therefore the Oliver-Pharr method is invalid. In order to obtain reliable modulus values from indentation in the case where creep is significant, the generally recommended practice [31, 45] is to increase the hold segment and choose the highest possible unloading rate yielding sufficient data points for the analysis.
ISO 14577-1 recommends an unloading rate ten times greater than the ratio of the contact creep rate and contact compliance at maximum load. The latter may be estimated from the reduced modulus of the material from literature data (see figure 3 ) and the diamond area function of the tip.
Considering the creep rates found here at the three highest temperatures, The values exceeding 100 mN are not reliably accessible in practice due to the inertia and data acquisition rate of conventional nanoindenters. Additionally, at 900
• C the peak dwell segments contain no indication of the required reduction in creep rate, and dwell periods of several minutes or more might be required to achieve creep rates at which a measurement of the modulus may be feasible. Given that at high temperatures not only the accuracy of the displacement signal at long times but also sample-tip reactions are an issue, even where efficiency of the method or microstructural changes in the material need not be considered, it appears that measurement of the modulus of materials with similar creep behaviour or chemical reactivity is out of reach of nanoindentation at extreme temperatures, at least where the conventional unloading analysis is applied. Of course, a continuous stiffness measurement may improve the situation, however, this is not available for the indenter system used here.
These results therefore demonstrate an important consideration for hightemperature nanoindentation: that a single indentation test cannot reliably determine all the standard parameters, namely hardness, elastic modulus and creep resistance. These indents capture hardness and creep resistance, albeit a slightly lower hardness due to the creep hold period. However, at the highest temperatures and creep rates they are unable to capture accurate values of elastic modulus and whether measurements are likely to be successful using nanoindentation under these conditions requires careful consideration of the available methods of analysis, acquisition and unloading rates, quality of the thermal equilibrium and possible contact times between tip and sample on a case-to-case basis.
Creep
During the analysis of the creep data, the indentation depth was simply taken 'as-is', once the hysteresis data had been corrected for thermal drift based upon the post-test thermal drift measurement. As the indent time was relatively short, the effects of thermal drift on the data are minimal and novel depth corrections used in long-term creep tests using continuous stiffness measurement [46] should not be required. Where creep is most significant (at 700
• C, 900
• C) the determined exponents are compared with the literature in figure 6 . A log-log plot of strain rate and hardness used to calculate the creep exponent in CMSX-4 and Amdry-386 is shown in figure 5 . The 1000
• C curves can be seen to have a slight curvature. Kang [60] attributes a 'concave' curve like this in an Mg-Sn alloy to be due to grain boundary sliding behaviour, with a 'convex'
curve being a result of grain matrix deformation. Similar curvatures to Kang are seen in indentation creep experiments by Mathur [61] in the Mg 17 Al 12 phase and Maier [46] in ufg-Au. Grain boundary sliding cannot be taking place in a single crystal of CMSX-4, unless significant dynamic recrystallisation is taking place. Therefore, the question is as to whether this is an effect from the sample, or one from nanoindentation. In CMSX-4, the amount of primary creep, accommodated by <112>{111} slip, increases with increasing stress [62] . Secondary creep then proceeds, at a time that decreases as the applied stress increases [62] .
Given the high stresses present, it is therefore possible that this curvature is the start of the transition to secondary creep, with the associated decrease in creep strain rate. Microstructural characterisation using TEM is needed to take place in order to confirm this. However, the curvature could simply be an artefact of the indenter velocity during rapid creep, as recent modelling results have
shown [63] . Figure 6 shows the creep stress exponents as determined by nanoindentation testing compared with values found in the literature. Apart from the data from Carry [52] , the values of stress stress exponent determined by nanoindentation in CMSX-4 are different to those found in the literature; a common problem in nanoindentation creep [64] . These differences are often attributed to the high, changing stresses during nanoindentation creep and significant degree of primary creep. Additionally in this work, similar orientation issues to the hardness data are present: the literature is mostly concerned with [100]-oriented single crystals in tension, rather than the complex stress states present here. This may go some way to explaining the significant differences seen.
Mitchell [47] shows that in materials such as Ni 3 Al with a high Peierls barrier, the apparent activation energy is strongly dependent on temperature, also seen here. Despite the aforementioned problems with the value of creep exponent, the rate of change in exponent with temperature measured by Mitchell [47] and
Glock [48] in tension is the same as measured by indentation at 700 • C and above. This indicates that the nanoindentation creep is determined by the same processes as traditional creep experiments, namely double-kink nucleation to allow glide of <110> dislocations.
In the bond coat, the indentation exponents match very closely to those measured by tensile testing. It is not fully clear why the punch-test by Chen [59] produces significantly higher values of creep exponent, given the bond coats from Wereszczak [57] have the same composition (Co-32Ni-21Cr-8Al-0.5Y), but is likely due to the extremely complicated stress fields present in such a test.
Hebsur [55] states that creep in the bond coat is likely a mixture of dislocation climb (n > 5) and viscous flow (n = 3), and therefore it is possible that similar creep mechanisms are occurring under both macro-scale creep tests and nanoindentation. More investigation is clearly required, but it is an encouraging first result. Further work such as TEM analysis is required to examine the mechanisms of creep and deformation in the bond coat in order to determine the applicability of these data to in-service conditions. However, this work clearly demonstrates that relative comparisons of both hardness and creep resistance are able to be made on these thin layers at operationally relevant temperatures. The work thus shows that high temperature nanoindentation is well suited for future investigations of these MCrAlY coatings, in emerging new applications such as turbine sealing using abrasives [42] or blade repair [43] .
Conclusions
Regarding high-temperature nanoindentation, these results demonstrate the difficulty of a 'one-size-fits all' approach, particular due to the influence of creep on the drift correction and modulus data. Tailored 
